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Effects of interfacial coating and
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The.enhancement of transverse fracture toughness of unidirectional Kevlar and carbon fibre
reinforced epoxy resin composites (KFRP and CFRP) has been studied using polymer
coatings on the fibres. The results obtained show a substantial improvement in the impact
fracture toughness of both KFRP and CFRP with polyvinyl alcohol (PVAL) coating without
any loss of flexural strength; but there is only a moderate increase in impact toughness with
other types of coating (i.e. carboxyl-terminated butadiene acrylonitrile (CTBN) copolymer and
polyvinyl acetate (PVA)) with some reduction in flexural strength. The dependence of impact
fracture toughness of these composites (with and without PVAL coating) on temperature was
analysed on the basis of existing theories of toughening mechanisms from measurements of
fibre—matrix interfacial properties, debond and fibre puli-out lengths and microscopic observa-

tions. The beneficial effect of fibre coating with PVAL on transverse fracture toughness is
shown to sacrifice little damage tolerance of the composites against delamination fracture.

1. Introduction
Fibre composite technology is based on taking
advantage of the high specific strength and stiffness of
fibres by dispersing them in a resin matrix; which acts
as a binder and transfers stresses to the fibres across
the interface. In addition to strength and stiffness,
another important property of a composite is its speci-
fic resistance to fracture or fracture toughness. It is
well known that the fracture toughness of a composite
is not simply the sum of the weighted contributions by
the constituents, but is governed more importantly by
the extent of energy absorption processes through
various toughening mechanisms, depending on the
nature of bonding and morphology at the
fibre-matrix interface. These toughening mechanisms
include interfacial debonding [1], post-debonding
friction [2], stress redistribution after fibre breakage
[3, 4] and fibre pull-out [5, 6], in addition to fractures
of fibre and matrix. Strong bonding is essential for
efficient stress transfer and thus to achieve high
strength. However, this generally leads to a cata-
strophic failure with cracks propagating right through
the matrix and fibres, and the resultant energy dissipa-
tion is therefore usually limited to the work done in
creating new fracture surfaces. In contrast, weak inter-
facial bonding allows the said toughening mechanisms
to occur more extensively during the whole fracture
process, giving large contributions to the fracture
toughness of the composite.

Since a critical design criterion in fibre composites is
sufficient fracture energy absorption capability, parti-
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cularl\y in impact loading situations, there have been a
number of attempts to improve the composite fracture
toughness without significant loss of tensile or flexural
strength. These can be generally classified into two
approaches: one relies on the improvement of the
intrinsic properties of composite constituents and the
other depends on suitable interface controls. The first
approach includes the use of tough matrix materials
{e.g. rubber-toughened epoxies and thermoplastics)
and fibre hybrids (e.g. mixture of Kevlar, glass and
carbon fibres). The second ‘approach includes fibre
coatings with appropriate polymers, non-fracturing
duplex fibres, delamination arresters and promoters,
reduction of shrinkage stresses in the matrix, ctc. A
comprehensive review on these toughening methods
and the various factors which wouid affect the effici-
ency of enhancement of toughness is given recently by
Kim and Mai [7].

One of the most effective methods in controlling the
interface to enhance the fracture toughness of fibre
composites is the application of polymer coatings,
either fully or intermittently along the fibre length.
Because of the simplicity in application to practical
composites and the feasibility of direct comparison of
fracture behaviours between the composites with and
without coating, the fibre coating technique has re-
ceived most attention from researchers amongst vari-
ous toughening methods. The principal effect of
altering the interfacial properties by fibre coating is to
modify the mode of failure and thus the potential
energy absorption capacity, which in turn determines
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the fracture toughness of the composite [8]. Harris
and Beaumont [9, 10] found that carbon fibres coated
with a silicon fluid resulted in the fibres being sur-
rounded by an inert film which reduced the interfacial
bond strength (1, ) and thus increased the toughness of
carbon fibre reinforced plastics (CFRP). In a similar
study on CFRP with silicon rubber-coated fibres,
Hancox and Wells [11] were able to improve the
toughness of CFRP by some 100% at the expense of
up to 60% loss of flexural strength, depending on the
coating thickness. Since the main source of the frac-
ture toughness of most high-performance fibre com-
posites is by fibre pull-out, it would be necessary to
maintain sufficiently high frictional shear stress (1), in
addition to weakening t,, so that the work of fibre
pull-out could be enhanced. The frictional fibre pull-
out work was investigated by Sung et al. [12], where
the reinforcing fibres were coated with a thin layer of
strain-rate sensitive viscous fluid, e.g. silicon vacuum
fluid (SVF). They proposed that at a given strain rate
the viscous shear stress acting on the fibres during
pull-out and consequently the fibre pull-out toughness
could be maximized by selecting coatings of high fluid
viscosity and small thickness. Other investigators have
successfully applied different types of polymer coating
to different composites: polysulphone, polybutadiene
on CFRP [11, 13]; latex coatings (e.g. polybutyl acryl-
ate, polyethyl acrylate, etc.} on glass fibre—epoxy resin
composites (GFRP) [14, 15]; anhydride copolymers
(e.g. polybutadiene—co-maleic anhydride (BMA) and
polymethylvinylether—co-maleic anhydride) [16, 17]
and acrylonitrile copolymers (e.g. acrylonitrile—
methylacrylate and acrylonitrile—glycidylacrylate)
on CFRP [18-20]. In particular, Peiffer and Nielsen
[14, 15] had achieved a significant 600% increase in
the impact toughness of GFRP with negligible
strength reduction, using colloidal latex particles
which were attracted to glass fibres by electrostatic
forces to form a rubbery acrylic layer of uniform
thickness. They proposed that the impact toughness
was a function of both thickness and glass transition
temperature (7;) of the coating: the toughness was
a maximum when the coating had a low 7, and
a thickness about 0.2 pm.

Although the intermittent bonding method utilizes
the same fibre coating technique, its proposed
toughening mechanisms are peculiar and different
from the energy-absorbing mechanisms which can be
obtained from full fibre coating. Marston et al. [21,
22] proposed that provided there were enough regions
of strong interfacial bond to ensure the high com-
posite strength, the rest of the composite could have
quite a weak bond which would serve to blunt the
running crack by the Cook—Gordon mechanism [23].
If a composite is laid up randomly with respect to
weak and strong regions, both high strength and high
toughness should be simultancously obtained. Atkins
[22, 24] increased the fracture toughness of boron
fibre—epoxy resin composites (BFRP) using an 80%
coating of polyurethane varnish (PUV) by 400% with
less than 10% loss of tensile strength, while the im-
provement in toughness with silicon vacuum grease
(SVG) was only 10 to 15%, even though 1, values of

the fibres coated with the two coating materials were
similar. This indicates that a similar T, may not neces-
sarily mean a similar fracture toughness. Atkins at-
tributed this to the Cook-Gordon debonding mech-
anism that took place with the PUV coating which
increased the fibre pull-out length, whereas this mech-
anism was non-existent with the SVG coating, Atkins
and Mai [25] confirmed that the intermittently
bonded composites could be favourably used in ad-
verse environmental conditions such as hygrothermal
ageing. Later, Mai and coworkers [26-29] performed
extensive studies with Kevlar fibre reinforced plastics
(KFRP) using SVF and a blend of polyester—polyether
resins (Estapol). They investigated the effects of hygro-
thermal ageing, percentage coating over a repeated
fibre length, fatigue damage, strain rate and temper-
ature on the tensile strength, modulus and fracture
toughness of the composites. They showed that the
fracture toughness of Estapol-coated composites
could be increased by some 200 to 300%, particularly
at high temperatures and low strain rates, without
introducing any significant reduction in tensile
strength.

In the present study, as part of a larger project on
the development of high-strength and high-toughness
composites with controlled interfaces, several organic
polymers were employed as coatings on fibres and
their effects on the interfacial properties and fracture
toughness in the transverse direction were studied
for KFRP and CFRP. Initially, unidirectional fibre
composite laminates were used for toughness
measurements on a Charpy impact tester. Impact
testing has long been one of the most useful and
popular industrial tools to evaluate, at least in a
comparative sense when standardized specimen geo-
metry is used, the energy absorption capability of
engineering materials with minimum complications
of specimen preparation and testing. However, it
was realized that the measured value of impact
energy might not be a material property but was
rather a function of specimen dimensions and other
testing variables, as pointed out by many previous
investigators [30-34].

For KFRP, a significant part of the specimen depth
was not broken but was forced through the gap
between the anvils, causing plastic bending in the
back-face of the specimen. This observation held even
at low test temperatures, and was more pronounced
for large fibre volume fractions (¥;) and for fibres with
a polymer coating. This was attributed mainly to the
ductile nature of the Kevlar fibres, which was mani-
fested in static bending where the load did not dimin-
ish to zero even at a deflection several times greater
than the specimen depth. Poor machinability of the
KFRP [35] was another problem encountered in
cutting specimens to the required geometries for
testing. For CFRP, although specimens were broken
completely into halves after impact, a transition of
failure mode was evident across the specimen depth.
Examination of the fracture surface showed a ragged
appearance with pulled-out fibre bundles in the ten-
sion side and a smooth plane without fibre pull-out in
the area subjected to compression. There was always a
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distinct line between these two fracture surfaces near
the neutral axis of bending. This problem made it
difficult to evaluate the inherent fracture energy
absorption of the fibre composites because it would
depend strongly on the specimen depth. Also, it was
difficult to measure, with any accuracy, the debond
and fibre pull-out lengths from the fracture surfaces
(which are required to determine the toughness
results) when composites of large V; were involved.

Therefore, in the subsequent study, these difficulties
were overcome by employing sandwich specimens
fabricated from monolayer composites and epoxy
resin. This method had been successfully employed in
the study of fracture toughness of ductile polymers by
sandwiching thin layers of epoxy resin to promote
brittle cracking [36]. Other investigators [ 37, 38] also
used a similar technique for glass—carbon hybrid fibre
composites where one layer of fibre bundles was
placed near the tension face to ensure all the fibres
would fail under tension in static three-point flexure.
The direction of loading was across the laminar plane
and was different from that of the present work. The
effect of temperature on impact fracture toughness in
the range between — 50 and + 80 °C was studied for
KFRP and CFRP.

Although the toughening methods described earlier
are effective for enhancing the transverse fracture
toughness, the introduction of deliberately weakened
fibre-matrix and/or laminar interfaces, particularly
in methods using fibre coatings and delamination
promoters, may produce excessive interfacial de-
bonding and delamination which would cause unac-
ceptable reductions in stiffness and other mechanical
properties of the composite. The high degree of aniso-
tropy and laminar structures of most fibre composite
components imply that inter-ply delamination is one
of the most prevalent life-limiting damage modes in
this kind of material. Therefore, the delamination
behaviours of these fibre composites were also charac-
terized in mixed mode I-1I delamination fracture.

2. Experimental procedure
2.1. Materials and fabrication of unidirectional
fibre composites and sandwiches

The fibres used were an aramid fibre, Keviar 49 (E.I
du Pont de Nemours Co. Inc., USA) and a carbon
fibre grade HTA (Aerotex, USA) both inthe form of
continuous roving, The matrix material was an epoxy
resin, Araldite GY260 (Ciba Geigy, Australia), a di-
glycidal ether of bisphenol A (DGEBA), and curing
agent piperidine in the ratio of 100:5 by weight. The
coating materials were selected on the basis of their
mechanical properties and compatibility with the
fibres. In this study three polymer coatings were em-
ployed: carboxyl-terminated butadiene acrylonitrile
(CTBN) copolymer, polyvinyl acetate (PVA) and poly-
vinyl alcohol (PVAL). The CTBN was diluted with
acetone, and PVA and PVAL were dissolved in dis-
tilled water. The fibres, while being maintained
straight using clamps, were immersed in a coating
solution and then subsequently dried at room temper-
ature for at least 4 h. The amount of coating was
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controlled by the concentration of the coating solu-
tion. Unidirectional composites were made by hand
lay-up and vacuum bagging on a steel mould, and
were cured in an autociave for 16 h at 120 °C. Vacuum
pressure of — 100 kPa was applied for the initial
30 min to enable evaporation of entrapped air bub-
bles, followed by compressive pressure of 200 kPa for
the rest of the cure cycle. Composites with a uniform
Vi of approximately 50% and final thickness 4.0
£ 0.24 mm could be produced by employing equal
amounts of resin and an-equal number of bleeders for
each mould, as determined in preliminary tests.

For the reasons described in Section 1, monolayer
composites sandwiched by epoxy resin layers were
used for the study of temperature effects on the frac-
ture toughness of uncoated and PVAL-coated fibre
composites. Having fabricated the monolayer com-
posites by the foregoing procedure, sandwich panels
were produced on a split-frame mould where the
composite monolayer was placed at a desired position
(i.e. in the mid-plane for impact test specimens and
1.5 mm apart from one surface for delamination test
specimens), using siotted non-stick Teflon dams and
epoxy resin filling in the cavity (Fig. 1). The epoxy
resin and the curing procedures employed were the
same as for the composite laminates. To separate the
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Figure 1 Split frame mould for fabrication of monolayer
composite-epoxy resin sandwiches (dimensions in mm).
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Figure 2 Sandwich specimens in Charpy impact tests: (a) full
ligament with monolayer composite; (b) monolayer composite in
tension side (dimensions in mm).



toughness contribution due to fracture of the com-
posite ligament in the compression side, cut-size com-
posite monolayers were also used for the sandwich
specimens with the monolayer placed only in the
tension side (Fig. 2b). The total thickness of the
sandwich was 6.4 + 0.1 mm and the average thickness
of composite monolayers without and with PVAL
coating were 0.20 and 0.21 mm for KFRP and 0.54
and 0.56 mm for CFRP, respectively.

2.2. Specimens and tests

2.2.1. Charpy impact tests

The fracture toughness of composites was evaluated
using a Zwick Charpy impact tester of total span
40 mm and full scale 4J at an impact velocity
2.93 ms~ 1. For sandwich specimens the full scale was
reduced to 2J because of the low impact energy
dissipated by the fractured specimen. Specimens
10 mm wide and 55 mm long were cut from the com-
posite laminates and sandwich panels. Notches were
made in the width direction of the centre span using
a circular saw 0.8 mm thick and the notch tip was
further sharpened by tapping with a scalpel blade. For
KFRP laminates, the specimen width was reduced to
6 mm to suit the maximum capacity of the impact
tester and the notch tip was sharpened using a saw of
thickness 0.5 mm, because tapping a scalpel blade did
not produce a satisfactory result.

For the composite laminate specimens, fracture
toughness was determined directly from the impact
energy (U) absorbed divided by the specimen ligament
area (4). For the sandwich specimens (Fig. 2a and b),
the fracture toughness of composites (R.) was calcu-
lated from the known dimensions of each layer and
the fracture toughness of the epoxy layer (R.) on the
basis of the Rule of Mixtures [36]: i.e.

U = Rd, = RA. + R A (1)

U-~-R.A
R = __~¢<°¢
: 4 @

c

Subscripts s, ¢ and e refer to the sandwich, composite
and epoxy layers, respectively. To investigate the effect
of temperature on fracture toughness, tests were con-
ducted in the temperature range — 50 to + 80°C
which covered the extremes of the thermal per-
formance range of polymer-matrix composite struc-
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Figure 3 A monolayer composite—epoxy resin sandwich specimen
in a delamination fracture test under four-point bending (width
= b).

2.2.2. Mixed mode I-1! delamination
fracture tests

The specimen employed for the delamination fracture
tests (Fig. 3) was a tri-layer beam subjected to four-
point flexure where a monolayer composite (of thick-
ness h,) was sandwiched by identical .epoxy resin
layers with different thicknesses (h, and h;). By
regarding the specimen with an initial symmetrical
crack 24 along the interface between laminae A and B
as a bi-layer beam, an energy balance theory similar to
that proposed by Kendall [40] was used to provide a
criterion for crack propagation along the interface
under constant bending moment. The specimen geo-
metry provided a mixed mode I-mode II loading [41]
although the mode II component was dominant. By
considering the energy changes as the crack moves a
distance da, the specific work of fracture (Grp) in
mixed mode delamination was given by [42]

M? + 2Ma(dM/da) ( 1 1 5
2b E,ly  E I

M (= PL/2) is the bending moment, with P being
the total bending force {for a given width b) and L
( = 10 mm) the spacing between the inner and outer
loading points. E is elastic modulus and I moment of
inertia; subscripts B and S refer to lamina B and the
sandwich, respectively. Iz and Ig can be calculated
according to the Euler-Bernoulli elastic beam theory:

_ E E hyhs(h, + h3)2
“"bgz+1m ww2+mymﬁ @

GI—II =

and

h3 3 3
I

12 12 12

tures [397. Temperature control was achieved in an
air-circulated Instron environmental chamber. When
the desired temperature was reached specimens were
put inside the chamber and left to reach equilibrium.
Specimens for tests at low temperatures were shielded
in a plastic bag to avoid direct contact with liquid
nitrogen. The temperature drop of the specimen which
might occur during transportation from the temper-
ature chamber to the impact tester was also allowed
for by using a predetermined calibration chart.

hyhs(hy + 2hy + hs)® + Bhy[hy(hy + hy)* + hy(hy + h3)2]> (5)

4(hy + Bhy + hy)

where f is the ratio of elastic moduli E, /E, . Details of
test procedures and the calculation of Gy_j; were given
clsewhere [42].

2.2.3. Other tests and microscopy

The flexural strength and interlaminar shear strength
(ILSS) of composites were determined in three-point
flexure of unnotched composite laminate specimens
with the span-to-depth ratios of 30: 1 and 5: 1, respect-
ively. Single-filament pull-out tests were performed to
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TABLE I Impact fracture toughness and flexural properties of fibre composites (mean value + standard deviation)

Composite Coating Coating solution Impact fracture Flexural Interlaminar
concentration (%) toughness strength shear strength
(kIm~?) (MPa) (MPa)
Kevlar 49—epoxy Uncoated 0 154 518 + 38 426 + 2.8
CTBN 3.0 180 502 4+ 43 43.6 + 4.1
6.0 167 464 1+ 29 4254+ 338
10 154 412 4 21 40.6 +29
PVA 20 168 512 + 28 309 +33
4.0 190 462 + 31 266 + 2.4
6.0 146 386 + 16 209 + 3.1
PVAL 4.0 260 522 + 47 254+ 1.7
Carbon—epoxy Uncoated 0 104 683 + 38 589 +23
PVAL 4.0 144 758 + 47 500 £33

evaluate the interfacial properties of uncoated and
PVAL-coated Kevlar fibres. Tensile tests of Kevlar
fibres and pure epoxy resins were also performed at
varying temperatures. All flexure, fibre pull-out and
tensile tests were conducted on an Instron testing
machine with a crosshead speed of 0.5 mm min~1.

The mean debonded length (I;) and maximum fibre
pull-out length (I,,,) were determined on each impact-
tested sandwich specimen, using an optical profilo-
meter with a magnifying (x 10) projector and both
reflected and transmitted light in a manner similar to
that described by others [37, 38]. The fracture surfaces
of both impact and delamination test specimens were
examined with an optical stereomicroscope and a
scanning electron microscope (SEM). The surface
morphologies of uncoated and coated fibres were also
characterized using an SEM.

3. Results
3.1. Fracture toughness of composite laminate
specimens

Impact fracture toughness values for KFRP without
interfacial coating are compared with those having
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Figure 4 Impact fracture toughness of KFRP as a function of
ligament length: (@) PVAL-coated (4%); ((J) CTBN-coated (3%);
(&) PVA-coated (4%); (O) uncoated fibres.
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polymer coatings on the fibres as a function of liga-
ment length (i.c. total specimen depth minus the notch
depth, (D — a)) in Fig. 4. The results for CFRP are
shown in Fig. 5. The flexural strength and ILSS of
uncoated and coated specimens with varying coating
concentrations are given in Table I. Also included are
the maximum impact toughness values taken from
Figs 4 and S for equal ligament lengths of about 3.5 and
7.0 mm for KFRP and CFRP, respectively. The frac-
ture toughness generally increased as the ligament
length increased, whether fibres were coated or not for
both composites. The CTBN and PVA coatings did
not improve the fracture toughness very much, the
maximum increase being about 20% for an optimum
coating concentration. Furthermore, this small in-
crease is accompanied by substantial reductions in
flexural properties and ILSS, particularly for the com-
posites with PVA-coated fibres. In contrast, PVAL
coating is effective for improving the fracture tough-
ness of both KFRP and CFRP, the improvement
being respectively by about 80 and 40% at a large
ligament length, without sacrificing flexural strength.
In fact, for CFRP, the flexural strength is slightly
improved with the PVAL coating,
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Figure 5 Impact fracture toughness of CFRP as a function of
ligament length: (@) PVAL-coated (4%); (O) uncoated fibres.



aic)

(d)

Figure 6 Photographs of typical impact KFRP specimens: (a) uncoated fibres; (b) CTBN-coated fibres; (c) PVA-coated fibres; (d) PYAL-

coated fibres. (Magnification ~ x 5).

Photographs of typical impact specimens for KFRP
with interfacial coating are given in Fig. 6. It is found
that a significant part of the ligament is not broken
but is bent plastically in the compressive face, depend-
ing on the coating applied. More discussion of the
fractography and its correlation with the fracture
toughness of KFRP will be given in the next section.

For CFRP, although the specimens are broken
completely after impact, there is an obvious change in
the failure mode across the ligament: a distinct line
separates the ragged and smooth fracture surfaces
(which correspond to areas subjected to tension and
compression, respectively, during impact fracture) as
shown in Fig. 7. A similar observation has been re-
ported recently in static flexure of CFRP [43]. The
ragged surface consists of pulled-out fibre bundles, the
number of fibres in a bundle ranging from several to
a few hundreds, and bundling is more pronounced for
uncoated CFRP. Although it is difficult to quantify
the fibre pull-out lengths from the fracture surface, it is
noted that increasing the ligament length slightly
increases the raggedness (compare Fig. 7a and b). This
observation indicates that a large ligament promotes
shear failure (i.e. debonding and/or delamination) in
the tension side of the specimen. The fact that the area
in tension is always larger than that in compression
regardless of the coating suggests that failure is always
initiated from the tensile face [43, 44]. This contradicts
the earlier finding [45-47] of failure initiation by
compressive buckling in static flexure or impact for
CFRP.

Fracture surfaces in the tension side for both un-

coated and PVAL-coated CFRP are generally similar,
but a distinguishable feature can be revealed on the
compression side: there is extensive fibre-matrix inter-
facial debonding for PVAL-coated composites while
this is absent for uncoated composites (compare
Fig. 7c and d). The broken carbon fibres in the com-
pression side always have one or more creases across
the diameter of the fibre, their common direction
perpendicular to that of loading or crack propagation
and the crease separates two distinct areas of com-
pressive and tensile failure on individual fibres. This
feature is typical of fibre failure by microbuckling
under compressive load for unidirectional CFRP, and
the crease of individual fibres coincides with the
buckling axis [43]. More importantly, the localized
debonding near the compressive failure area (Fig. 7d)
indicates that the fibres fail in the “shear” mode (as
opposed to the “transverse” mode) where adjacent
fibres buckle with the same wavelength and in phase
with one another, so that the matrix material between
adjacent fibres deforms primarily in shear. This is
partly confirmed by some plastic shear of the matrix
near the tension failure area for uncoated CFRP
(Fig. 7c). The debonding in PVAL-coated composites
is a direct result of low interfacial bond strength
compared to the matrix shear strength, and appears to
have initiated prior to compressive failure of the fibre.
The debond length seems to be a function of the half-
wavelength of buckling which is inversely propor-
tional to the shear strength of the composite, as
proposed in a study of a non-linear microbuckling
model [48].
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Figure 7 Fracture surfaces of CFRP impact specimens: (a) small ligament for PVAL-coated fibres; (b) large ligament for PVAL-coated fibres;
(c) compression side for uncoated fibres; (d) compression side for PVAL-coated fibres.

3.2. Fracture toughness of sandwich
specimens

Having succeeded in improving the fracture toughness
of KFRP and CFRP with PVAL coatings on the
fibres, its temperature effect was studied using mono-
layer composite sandwich specimens. Results from
tensile tests of Kevlar 49 fibres and pure epoxy resin at
different temperatures are presented in Table II. In

general, as the temperature is increased, the tensile
strength of both the fibre and epoxy resin decreases
but the failure strain increases.

3.2.1. KFRP
Impact fracture toughness values of monolayer com-
posites with and without PVAL coating are shown for

TABLE II Variation of mechanical properties of fibres and epoxy matrix with temperature (mean value + standard deviation)

Material Property Temperature (°C)
-~ 50 -30 0 23 50 80

Kevlar 49 fibre  Tensile strength, 2917 4 130 2947 4+ 178 2606 + 147 2452 + 93 2153 £ 133 2297 + 70
o (MPa) :
Tensile strain, 1.71 £ 0.52 2.49 +0.08 2.53 £ 047 2.87 £ 0.36 2,55+ 0.38 2.37 +0.13
& (%)

Carbon fibre Tensile strength, - - - 3230% - -
o (MPa)
Tensile strain, - - - 1.3* - -
& (%)

Epoxy matrix Tensile strength, 87.9 + 140 81.5+94 785+ 09 66.5 + 2.1 494 4 3.5 194 +19
o, (MPa)
Tensile strain, 2,67 4+ 0.79 2.57 + 0.17 422 +0.12 522402 8.03 &+ 3.17 30.0 £ 1.51
€m (V0)
Impact fracture 112 £ 0.11 1.16 + 0.01. 1.15 + 0.09 1.29 + 0.13 1.00 + 0.03 0.96 +0.10
toughness,
R, (kJm™?)

* Manufacturer’s specification.
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tension side. (@, A) PVAL-coated; (O, A) uncoated fibres.

sandwiches with a composite layer in the full ligament
and in the tension side only in Fig. 8a and b, respect-
ively. The improvement of fracture toughness due to
the PVAL coating ranges from 30 to 100% depending
on the test temperature. The fracture toughness for
both uncoated and coated composites shows a min-
imum approximately between 0 and 23°C and a
parabolic increase as the temperature further de-
creases or increases. A similar functional dependence
of debond length () on temperature can be noted in
Fig. 9. However, the maximum fibre pull-out lengths
(1,,) are almost constant and independent of temper-
ature except at — 30 to — 50°C for the coated speci-
mens (Fig. 10). [; for the sandwich specimens with
composite layers in the full ligament are larger than
those with composite layers placed only in the tension
side (Fig. 9). In the former case, stresses at the tips of
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Figure 9 Variation of mean debonded length (i) with temperature
for KFRP. Full ligament with composite layer: (@) PVAL-coated;
(O) uncoated. Composite layer in tension side: (A) PVAL-coated;
(4) uncoated.

transverse cracks which propagate parallel to the
fibres in the tension side are likely to be high enough
to cause further debonding before the crack reaches
the back face of the specimen. However, there are no
significant differences in fracture toughness and I,
between these two types of specimen.

Typical fracture surfaces of these uncoated and
PVAL-coated KFRP specimens are shown in Fig, 11,
from which differences in fracture behaviour can be
identified. The fibre pull-out length is significantly
smaller for the former (Fig. 11a) than for the latter
(Fig. l1c). Splitting of fibres into small fibrils in the
longitudinal direction (i.e. fibrillation) is another im-
portant feature of uncoated KFRP (Fig. 11b). In con-
trast, PVAL-coated fibres tend to debond completely
from the matrix with little fibrillation (Fig. 11d). It is
generally observed that there is no systematic
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Figure 10 Variation of maximum fibre puli-out length (I,,) with
temperature for KFRP. Full ligament with composite layer: (@)
PVAL-coated; (O) uncoated. Composite layer in tensjon side: (A)
PVAL-coated; (A) uncoated.
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Figure 11 (a, c) Optical stereomicroscope and (b, d) SEM photographs of impact fracture surfaces for KFRP at room temperature:
(a, b) uncoated fibres; (c, d) PVAL-coated fibres. (Magnifications for (a) and (c) = x 7).

variation in [, across the ligament, and almost all the
ligament appears to have been fractured by the crack
propagated from the notch in the tension side.

Fibre debond stress (at the maximum pull-out force)
and fibre pull-out stress after debonding (where fric-
tional pull-out initiates), measured from single-fila-
ment pull-out tests for the Kevlar—epoxy system, are
plotted against embedded length of fibre in Fig. 12a
and b, respectively. The average bond strength (t,)
and average frictional shear stress (t¢) for the uncoated
and PVAL-coated fibres are determined from the
slopes of the lines in the respective figures. The upper-
bound fibre debond stress (o) is also obtained from
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- 6,=1585 MPq
£ .
® (000 L T, = 29.4 MPa
2
o
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{a) Embedded length (mm)

the plateau value in Fig. 12a, where the debond stress
is approximately constant and independent of the
embedded length [497]. It is noted that T, for uncoated
Kevlar fibres (45.8 MPa) is in good agreement with the
ILSS (42.6 MPa in TableI) for the same composite
system.

3.2.2. CFRP

The impact fracture toughness of PVAL-coated
CFRP is improved by about 100% over that of the
uncoated counterpart, particularly at the low-temper-
ature end, as shown in Fig. 13. The fracture toughness
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Figure 12 (a) Fibre debond stress and (b) frictional pull-out stress as a function of fibre embedded length for KFRP: (®) PVAL-coated;

(O) uncoated; (A, A) broken fibres.
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Figure 13 Variation of impact fracture toughness with temperature
for CFRP: (@) PVAL-coated; (O) uncoated fibres.

of the uncoated composites increases with increasing
temperature except at — 50 °C; however, the fracture
toughness of the coated composites varies approxim-
ately inversely with temperature. There is a similar
dependence of [,, on temperature as shown in
Fig. 14a. Also, from the plot of the fracture toughness
against [, shown in Fig. 14b it is noted that the
impact fracture toughness is approximately linearly
dependent on [, for both uncoated and PVAL-coated
fibre composites. This indicates that fibre pull-out is
a dominant source of fracture toughness of CFRP
[10, 37, 38] regardless of the interfacial coating. The
slope of the lines encompassing the data points in
Fig. 14b is a direct function of the interfacial friction
stress (t;) or fibre tensile strength (o;). Further, extra-
polation of these lines to zero L, yields approximately
10 to 45kJm~2, which represents the sum of the
remaining toughness due to other failure mechanisms.
Values of [; for CFRP (Fig. 15) are significantly smal-
ler than for KFRP (Fig. 9), particularly for uncoated
fibres, suggesting that the relatively small toughness
contributions are due to fibre debonding and post-
debonding friction.

Distinguishable features are revealed from the
SEM photomicrographs for the uncoated and PVAL
coated specimens shown in Fig. 16. One of the main
characteristics of uncoated specimens is a short fibre
bundle pull-out with intact matrix binding the
fibres (Fig. 16a), which is a direct result of bundle
debonding. The debonding of single fibres seldom
occurs because the debond stress is greater than the
fibre strength for carbon—epoxy composites with
strong interfacial bond strength and high-stiffness
fibres [50]. In contrast, PVAL-coated specimens show
a combination of long individual fibres and fibre
bundle pull-out (Fig. 16¢c), the former being more
pronounced at low temperatures where high tough-
ness values are obtained. This suggests that the rela-
tively low interfacial bond strength with PVAL-coa-
ted fibres promotes the debonding and pull-out of
individual fibres, which is partly responsible for the
high toughness. Hackle markings observed in the
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Figure 14 (a) Variation of maximum fibre pull-out length (I,,) with
temperature and (b)impact fracture toughness as a function of
maximum fibre pull-out length () for CFRP: (@) PVAL-coated;
(O) uncoated fibres.
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Figure 15 Variation of mean debonded length (I,) with temperature
for CFRP: (@) PVAL-coated; (O) uncoated fibres.
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Figure 16 SEM photographs of impact fracture surfaces for CFRP
coated fibres at — 50 and + 23 °C, respectively.

matrix between neighbouring fibres of pulled-out fibre
bundles for both uncoated and PVAL-coated CFRP
(Fig. 16b and d) are evidence of plastic deformation in
the matrix material. The plastic shear may provide
some toughness contribution. Single-filament pull-out
tests were not performed on carbon fibres because of
the difficulty in preparing test specimens with these
fibres of small diameter (= 7 um).

3.3. Delamination fracture toughness
The specific works of fracture (Gyy) measured in
mixed mode I-II delamination of uncoated and
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fﬁqﬁﬁ%‘

T
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Specific work of fracture {kJd m™2)

Crack extension (mm)

Figure 17 Specific work of fracture (G;_y;) for KFRP as a function of
crack extension: (@) PVAL-coated; (O) uncoated fibres.
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: (a, b) uncoated fibres at — 30 and + 23 °C, respectively; (c, d} PVAL-

PVAL-coated specimens are shown in Figs 17 and 18
for KFRP and CFRP, respectively. Gy increases
almost linearly with crack extension, regardless of the
type of fibre used and whether the fibres are coated
or not. This is attributed mainly to the increase in
external constraint imposed on the specimen for the
loading configuration, which not only acts as a closure
force against the mode I component of a delamination
crack but also facilitates a large friction between
fracture surfaces. This effect is manifested by the rapid
increase in Gy values near the loading points (i.e. at
the end of the data points for large crack extension)
where crack propagation is decelerated under
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Figure 18 Specific work of fracture (Gy_yy) for CFRP as a function of
crack extension: (@) PVAL-coated; (O) uncoated fibres.
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Figure 19 (a, ¢) Optical stereomicroscope and (b, d) SEM photographs

(c, d) PVAL-coated fibres. (Magnification for (a) and (c) = x 20).

compression. The mode II dominant fracture loading
may also have promoted additional fibre bridging, al-
though an almost fully saturated fibre bridging zone
has already been established when the very long initial
delamination crack is introduced. Comparing the
G values at a given crack extension in Figs 17 and
18, it is noted that for both KFRP and CFRP with
PVAL coating they are only slightly lower (about
15%) than for the uncoated composites. This indicates
that the beneficial effect of fibre coating with PVAL on
the transverse fracture toughness of these compos-
ites causes little loss in the delamination fracture
toughness.

In the light of the microscopic observations de-
scribed below, major fracture mechanisms can be
identified for the mixed-mode delamination of these
composites. They are interfacial debonding, matrix
deformation, fibre fracture, fibre bridging in mode I
delamination [51, 521, and frictional sliding in addi-
tion to the above mechanisms in mode II delamin-
ation. Uncoated KFRP can be characterized by a
single planar delamination with significant fibre bridg-
ing in the wake of the crack tip (i.e. in the tied zone)
(Fig. 19a). The uncoated fibres normally split into a
number of small fibrils (Fig. 19b) as observed from the
fracture surfaces of transverse impact specimens. The
ductile Kevlar fibre tends to facilitate bridging across
the fracture surfaces over extensive lengths without
being broken transversely. In contrast, PVAL-coated
KFRP shows multi-planar delamination (Fig. 19¢)
with extensive debonding rather than fibrillation
(Fig. 19d), due to their relatively low interfacial bond
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of delamination fracture surfaces for KFRP: (a, b) uncoated fibres;

strength compared to the uncoated counterpart. The
multi-planar delamination effectively promotes fibre
bridging over several layers of fibre. It can therefore be
said that for KFRP, debonding and fibre bridging
are the dominant delamination fracture mechanisms
while matrix fracture may be a minor one.

Delamination occurs principally in a single plane
for uncoated CFRP (Fig. 20a) but is multi-planar for
PVAL-coated CFRP (Fig. 20b), otherwise the fracture
surfaces of both composites are similar. The existence
of many broken fibres (Fig. 20c), a reflection of the
brittle nature of the carbon fibre, implies that only
limited fibre bridging has taken place during crack
propagation. Thin epoxy layers adhering to the
fibre surface, particularly in uncoated composites
(Fig. 20d), are evidence of good interfacial bonding.
This does not allow large debonding and fibre bridg-
ing unless there is significant misalignment of fibres
across the main crack plane. Hackle markings with
preferred orientation are pronounced, similar to those
observed in the transverse impact specimens, suggest-
ing that extensive shear yielding has occurred in the
matrix material [53, 54]. This is partly due to strong
interfacial bonding and the high modulus of carbon
fibres, which force the matrix to sustain most of the
deformation. A number of tiny broken epoxy particles
seems to be a result of frictional sliding between rough
fracture surfaces with matrix hackle markings. In
summary, the primary delamination fracture mech-
anisms for CFRP are matrix deformation and, to a
lesser extent, fibre fracture. Frictional sliding may also
contribute to the delamination toughness.
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Figure 20 (a, b) Optical stereomicroscope and (c, d) SEM photographs of delamination fracture surfaces for CFRP: (a, ¢, d) uncoated fibres;

(b) PVAL-coated fibres. (Magnification for (a) and (b) = x 20).

4. Discussion and analysis

4.1. Effect of interfacial coating

4.1.1. CTBN rubber coating

CTBN rubber has been used extensively as an additive
to improve the fracture toughness of epoxy resin [55].
Although the rubber-modified epoxy increases the
toughness of bulk epoxy by more than 10 times, the
same increase is not obtained when the modified
epoxy is used as a matrix in fibre composites. It
increases the mode I delamination toughness of uni-
directional CFRP by only about 75% [56]. This is
attributed to the suppression of the toughening effect
in a thin epoxy film between reinforcing fibres which
constrains crack tip deformation. However, when the
rubber-modified epoxy is reinforced with woven cloth
carbon fibres, the increase can be as large as 7 times
because of the presence of resin-rich regions at the
strand cross-over where full deformation of the tough
matrix is possible [57]. When the CTBN is used as a
coating on Kevlar fibres with 3% coating concentra-
tion, the impact toughness increases only marginally
(by 20%) without any significant loss of ILSS (Fig. 4
and Table I). About 40% improvement in impact
fracture toughness has also been reported using this
coating (of coating concentration 0.5 to 2%) for uni-
directional CFRP [58]. An increase in coating con-
centration decreases both the fracture toughness and
flexural properties. The impact specimen shows a
significant plastic bending in the compressive face with
relatively fewer cracks propagated in the normal and
-transverse directions when compared to the uncoated
specimen (cf. Fig. 6a and b). The foregoing results
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indicate that CTBN rubber applied as a fibre coating
does not remain on the fibre surface but mixes par-
tially ‘and reacts with the epoxy resin during curing
{58]. A coating concentration as low as 0.5% seems to
be sufficient to obtain desired effects of modified inter-
facial properties, and a large amount of coating {or
large content of CTBN in the matrix) only degrades
the fracture toughness and strength properties of com-
posites (except the interlaminar fracture toughness
which is matrix-dominant). This conclusion is in
agreement with the previous finding [57] that the
transverse fracture toughness and flexural modulus of
glass fibre cloth composites with 15% CTBN rubber-
modified epoxy matrix are lower than those of the
same composites with unmodified epoxy.

4.1.2. PVA coating

PVA coating is not very effective for improving the
fracture toughness of KFRP except at 4% coating
concentration. Also, it decreases both the flexural
properties and ILSS substantially (Table I). Impact
specimens with this coating are characterized mainly
by planar delamination across the full length of the
specimen without breaking the fibres (Fig. 6c). The
non-uniform coating in the form of isolated patches
(Fig. 21) suggests that although the ILSS of PVA-
coated fibre composites is comparable to that of
PVAL coating for a given coating concentration, the
apparent interfacial bond strength in the PVA-coated
region is negligibly small. It should be noted here that
other coatings produced fairly smooth surfaces. The
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Figure 21 SEM photograph of surface morphology of a PVA-
coated Kevlar fibre.

inability of cracks to propagate in the transverse
direction limits the fracture process in these com-
posites only to debonding and extensive delamination,
with associated small toughness contributions.

4.1.3. PVAL coating

PVAL coating appears to be very promising in im-
proving the fracture toughness for both KFRP and
CFRP without suffering any loss in flexural strength,
although slight reductions in ILSS are noted. SEM
observations of the fracture surfaces of KFRP showed
that uncoated fibres normally split into small fibrils in
the longitudinal direction (Fig. 11b), but fibrillation
is virtually absent in PVAL-coated composites
(Fig. 11d). The fibrillation of the former is due prob-
ably to the skin—core heterogeneity of Kevlar fibres
and the presence of inherent microvoids on the fibre
surface which tend to facilitate fracture over extensive
lengths to their weak outer layers [59]. The small
fibrillation of PVAL-coated fibres suggests that the
thermoplastic coating forms a compliant micro-
ductile layer which can satisfactorily function as (i) a
stress relief medium, reducing the compressive stresses
caused by thermal shrinkage of the brittle matrix [60,
61]; and (ii) a crack inhibitor or arrester facilitating
large debonding in the longitudinal direction and fibre
pull-out, with associated large contributions to the
composite fracture toughness. The low interfacial
bond strength obtained with this coating not only
augments further debonding and fibre pull-out in
KFRP, but it also facilitates the debonding and there-
fore the pulling out of individual fibres in CFRP,
which otherwise fail mainly in bundles.

4.2, Effect of ligament length

It has been shown that the impact fracture toughness
increases almost linearly with ligament length (D — a),
regardless of the type of fibre used and whether the
fibres are coated or not (Figs 4 and 5). Many investig-
ators [31, 45-47, 62] have shown a similar depend-
ence of impact fracture toughness on (D — a) for a
given loading span (S). In a study of [zod impact tests
of unidirectional CFRP, Hancox [45] found that the
impact energy was approximately proportional to
(D — a)?, ie. the toughness varied linearly with

(D — a), and explained this result as due to compres-
sive failure over half the specimen depth. He suggested
that compressive failure was a dominant energy-
absorption mechanism. However, this explanation ap-
peared suspect because he overestimated the strain
energy absorbed in compressive failure by incorrectly
assuming that the composite strength in tension and
compression were equal. The high impact toughness
obtained with the small span-to-depth ratio, S/(D
— a), is in fact related to the shear failure and other
failure mechanisms induced thereby [46, 47]. The
magnitude of the ratio of shear stress to normal stress
developed in a beam under three-point flexure in-
creases inversely with S/(D — a). Therefore, for a given
S, thin specimens (i.e. small (D — a)) tend to fail in
flexure (either tensile fracture, compressive buckling or
both), while thick specimens (i.e. large (D — a)) fail in
shear (ie. interfacial debonding and delamination
along the fibre length) [33]. This explanation is in
accord with the fracture behaviour of CFRP observed
in this study, where raggedness of the fracture surface
in the tension side increases with increasing (D — a)
(i.e. debonding and fibre puil-out are more extensive).

The same conclusion cannot be drawn for KFRP
because the unbroken ligament of the specimen does
not allow a similar comparison of the fracture sur-
faces. In addition to the direct effect of S/(D — a) on
the predominant failure mode, there is another factor
to be considered as a result of varying the ligament
(D — a) for a given impact weight. If the energy ap-
plied is significantly larger than the energy necessary
to fracture the ligament, the specimen tends to fail in
flexure because there is little attenuation of the impact
velocity [31]. In contrast, if the energy applied is only
slightly larger than the energy necessary to fracture
the ligament, the specimen is more likely to fail in
shear by promoting debonding and/or delamination
due to the large change in loading rate.

4.3. Analysis of impact fracture toughness

A general analysis for the fracture toughness of brittle-
fibre reinforced brittle-matrix composites arising from
various sources of failure mechanism is summarized in
a review by Kim and Mai [7]. The total toughness (R,)
can be written as

Rt = Rs + Rdf + Rr + Rpo (6)

where R;, Ry, R, and R, refer to the toughness
contributed by surface energy [21], post-debonding
friction [2], stress redistribution [3, 4] and fibre pull-
out [5, 6], respectively. R, includes the fracture work
involved in breaking the fibre (R;) and matrix (R} as
well as the interfacial debonding work (R4) [1]. It
should be noted, however, that it is not necessary for
all these failure mechanisms to operate simultaneously
for all fibre composites, and for a given composite
system one or two of these toughness contributions
may dominate the total fracture toughness. The valid-
ity of each failure mechanism and the corresponding
toughness equation for KFRP and CFRP are de-
scribed in detail as follows. To avoid any complic-
ations associated with an unbroken ligament and the
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compressive failure observed in specimens made from
composite laminates, failure mechanisms occurring
principally in composite monolayers of sandwich
specimens are discussed in this analysis.

4.3.1. Kevlar fibre composites
4.3.1.1. Surface energy. For KFRP with uncoated
fibres the relatively weak interfacial bonding (com-
pared to CFRP) does not allow large plastic deforma-
tion to occur in the matrix, and either interfacial
debonding or fibrillation occurs depending on the
local interfacial bond strength relative to the fibre
transverse strength. For PVAL-coated KFRP, inter-
facial debonding occurs in preference to fibrillation.
In both cases, an upper-bound estimate of debond
toughness (R,) is given by [7]
Veoils
Ry = )

It is not certain as to whether tensile debonding by the
Cook~Gordon mechanism [23] occurs in these com-
posites. Judging from the observed result that the
ratios of interfacial bond strength (1) to matrix tensile
strength (o,) for both uncoated and PVAL-coated
specimens are greater than the required maximum
strength ratio (i.e. either 1/5 for an isotropic body [23]
or 1/50 for an anisotropic body [2]), this mechanism
is unlikely to have occurred. Even if it had occurred
under certain favourable conditions, particularly in
PVAL-coated composites, the toughness contribution
itself would not be significant and its ameliorating
effect is represented by the increased fibre pull-out
length. Therefore, a separate toughness term for the
tensile debonding is not considered in this analysis.

There is some doubt on the significance of enetgy
absorption by the Kevlar fibre fracture, although it
has been included in a previous study [27] as

R = Vioggly/2 ®)

where [, is the gauge length at which the fibre is
subjected to tension until fracture. [, is regarded as
being equal to I; on both sides of the fracture surface,
which is four times the average fibre pull-out length
[,. Clearly, the effective I, which determines the mag-
nitude of R; depends greatly on the loading condition
for a given composite. Under high-velocity impact it is
likely that fibre fracture occurs almost at the same
time as interfacial debonding does. This implies that
the usual assumption of compiete fibre relaxation
upon debonding is not possible, and the effective [,
during fibre deformation to fracture is significantly
smaller than [, and approximately equal to twice
the fibre diameter (d = 11.7 um for Kevlar 49 fibre)
[63]. Therefore a lower-bound estimate of R; can be
given by

R ~ Viope.d ©9)

Hence, the total fracture work due to the creation of
new surfaces, including interfacial debonding and fibre
and matrix fractures, now becomes

2’— N
= J%8k L psed £ (1 - VR, (10)
2E;

4716

4.3.1.2. Post-debonding friction. The post-debonding
friction toughness (Ry) is the work done by the
relative movement between fibre and matrix immedi-
ately after interfacial debonding as crack opening
continues. An upper-bound estimate for this tough-
ness is equal to the frictional shear force times the
relative displacement between fibre and matrix. Kelly
[2] suggested that this displacement is roughly the
product of the debonded length (I,) and the differential
strain Ag (= g — &,). Many investigators [37, 38, 64,
65] have shown that this mechanism is one of major
energy absorption mechanisms for glass fibre rein-
forced thermoset matrix composites. Since the fric-
tional work is done principally by the relaxation of the
cracked matrix relative to the highly stressed un-
broken fibres, the differential strain Ag is likely to be
purely elastic and any previous plastic deformation
does not contribute to the relative displacement.
Therefore, Ae &~ 0.01 proposed previously [64] is con-
sidered to be a reasonable approximation. Further,
since the material at both ends of the fibre remains
fixed during frictional movement, the frictional work
operates locally near the main fracture plane rather
than over the full debond length. As suggested by
Munro and Lai [38], the displacement has been modi-
fied so that the frictional work over the length near the
fixed fibre ends, which is roughly the same as the fibre
pull-out length ({,,,), can be separated. Therefore, R is
given as

2Vfo(Ei -
d

l,o)? Ag

Ry = (11)

4.3.1.3. Stress redistribution. The toughness due to
stress redistribution is the strain energy lost by the
fibre as the fibre instantly relaxes back and regains its
original diameter in the matrix socket immediately
after fibre fracture. This toughness term was originally
proposed [3] as a sum of the work done by post-
debonding friction and fibre fracture at the breaking
point of the fibre, with the assumptions that the elastic
transfer near the main fracture plane is small and the
fibres in the region remote from the crack are un-
stressed. These assumptions can be satisfactorily justi-
fied under impact conditions where matrix cracking,
interfacial debonding, post-debonding friction and
fibre fracture occur almost at the same time, and the
last two failure mechanisms operate locally near the
fracture plane. Therefore, addition of this toughness
term to the total toughness results in double counting,

4.3.1.4. Fibre pull-out. The fibre pull-out mechanism
has been shown to be a major contributor to the frac-
ture toughness of many types of fibre composite. The
toughness equation proposed by Cottrell [5] and by
Kelly and Tyson [6] is the work done by the constant
friction shear stress (t;) over an average pull-out
distance (I, ):
72
R, = Viulp (12)
d

Theoretical prediction of R, using the experimental
l,, measurement is overestimated because [,, is the



upper-bound maximum value measured along the
profile of the projected image of pull-out fibres. The
variation of pull-out length across the thickness of the
composite could not be accounted for with this
method. Further, the pulled-out fibres are mostly in
bundles near the main fracture plane. Consequently,
the overall fibre surface areas actually involved in
frictional sliding are significantly smaller. Therefore,
the average fibre pull-out length [, is taken to be
approximately one-quarter of the measured maximum
l,, value in the calculations for R,. t; values measured
at room temperature are used for all temperatures in
the absence of single-filament pull-out results at other
temperatures.

The total fracture toughness (Ry) for KFRP is
given by the sum of the toughness components of
Equations 10 to 12.

4.3.2. Carbon fibre composites

4.3.2.1. Fibre pull-out. The fibre pull-out work (R,,)
has been shown to be a predominant component of
the fracture toughness of CFRP [10, 37, 38]. Since the
interfacial properties of this composite are not avail-
able, an upper-bound estimate for R, is made by
assuming I, = 4[,, in the usual toughness equation:

Vfcflc _ Vfcflpo

R = =137 = 73

(13)

The small variations in the tensile strength of carbon
fibres (o;) with temperature are not included in the
calculation of this toughness term.

4.3.2.2. Marrix plastic deformation. Another source
of fracture toughness in CFRP is the plastic deforma-
tion of the matrix in shear. The validity of this mech-
anism is demonstrated by the many hackle markings
which are observed on pulled-out fibre bundles
(Fig. 16b and d). Plastic deformation is promoted by
strong interfacial bonding and by fibres with a high
stiffness and transverse strength. When the composite
is subjected to axial tension, fibres with strong inter-
facial bonding force the matrix material in between to
sustain most of the deformation along the fibre direc-
tion, until cracks developed at locaily weak spots
are sufficient to separate the composite into bundles
of fibres. In Kevlar fibre composites where the inter-
facial bond strength is lower than the matrix
strength, debonding occurs in preference to matrix
deformation.

The energy absorbed as a consequence will be equal
to the work done (U, ) per unit volume in deforming
the matrix to its tensile strength, multiplied by the
effective volume of matrix material (V) actually in-
volved in plastic deformation [63, 66]. Assuming that
the fibre bundles are circular in shape, V,, can be
estimated as the product of the matrix surface area in
fibre bundles over the debond length (I,) and the depth

{d.ns) of the deformed matrix material:
n(l — V;)(2nry)lydp, (14)

Vs =

where n and r, are the number and effective

radius of the fibre bundle. Wells and Beaumont
[50] estimated r, to be 02mm for a similar
carbon—epoxy resin system, assuming that the
bundles are about 0.5 mm wide and of thickness equal
to that of one composite ply. However, it is generally
observed in this study that there are tens of small
bundles across the ply thickness, each bundle con-
sisting of fibres of a similar height. Other investigators
[43] reported a fibre bundle to have a few dozens of
fibres. Therefore, r,, is estimated to be about 10 to 15
times the single fibre radius (i.e. r, ~ 0.04 mm). The
depth d,, is taken approximately equal to one fibre
diameter (d = 7 pm) as suggested previously [52, 63].
The work done per unit volume (U,,) can be approx-
imated by the product of fracture strength (o) and
fracture strain (g,,) of pure epoxy resin, as determined
in a tensile test. However, the epoxy resin in com-
posites is under severe constraint due to the presence
of fibres, particularly if high-stiffness fibres (e.g. carbon
fibres) are involved, and under these conditions the
effective stress in the matrix approaches the maximum
value of about three times the measured o, [52].
Furthermore, hackle markings of the matrix suggest
that the actual fracture strain is likely to be even
higher than that obtained from the unconstrained
condition. Taking into consideration the foregoing,
an upper-bound estimate for U, is made as
U, ~ 36,,&,. Therefore, the specific fracture energy
(R,,) due to matrix deformation per unit transverse
cross-sectional area of the composite (nnrZ)is given by

Rms ~ 6(1 - I/f)dl—clo-mgm/rb' (15)

The total toughness (R;) for CFRP is given by the sum
of the toughness components of Equations 13 and 15.

4.3.3. Comparisons of measured and
predicted impact fracture toughness
values

The total fracture toughness values (Ry) predicted

using the equations described above and relevant data

in Table II are compared with the experimental results

(R.) in Figs 22 and 23 for KFRP and CFRP, respect-

ively. For simplicity, average values are plotted

against the test temperature and standard deviations
are omitted. In general, there is better agreement for

CFRP than for KFRP both in magnitude and trend

with temperature.

4.3.3.1. KFRP. Fig. 22a and b show that predicted
R values are slightly lower than the experimental
measurements (R.} at all temperatures for the un-
coated composites and vice versa for the PVAL-
coated composites. This is associated with the diffi-
culties in predicting accurately the post-debonding
friction toughness component (R ). Estimation of the
relative displacement, necessary for the calculation of
Ry, is difficult for high-velocity impact situations.
However, there is no doubt that the relative displace-
ment can be a function of debond length. There are
also uncertainties in the exact values of I and I,
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which are used in the calculation of toughness com-
ponents. Measurement of these values using the pro-
jected images of fracture surfaces cannot account for
the variations across the thickness of the composite, as
mentioned before. Nevertheless, the trends of the tem-
perature-dependent total impact fracture toughness
are well predicted both for uncoated and PVAL-
coated composites.
The large increases in R, for the coated composites
at both low and high temperatures (e.g. at — 50 and
+ 80°C) are attributed to large contributions from
both fibre pull-out (R,,,) and post-debonding friction
(R4 ). The higher fibre tensile strength (o;) at sub-zero
temperatures (Table II) seems to be partly responsible
for the improved toughness at the low-temperature.
Both R,, and Ry are dependent on o;. For a given 1,
a high o; means a large critical fibre transfer length (I,)
and hence large [, and 1, at low temperatures as
shown in Figs 9 and 10. Judging from the similar
trends in I; for uncoated and PVAL-coated com-
posites at temperatures higher than ambient temper-
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ature (Fig. 9), the increase in I, at these temperatures
may be associated with the temperature-
dependent mechanical properties of the fibre and ma-
trix material rather than those of the coating. The
tensile strain of the matrix increases more than five
times as the temperature is increased from ambient
temperature to 80°C (Table 11). With reference to
Fig. 22a and b it is shown that R, contributes ap-
proximately 60% to the total toughness (R;), the
contribution being larger for PVAL-coated than for
uncoated composites, whereas Ry, contributes only 20
to 40% to Ry, depending on the test temperature. The
increased R,, due to the PVAL coating is always
greater than Ry. The surface energy R, (which is
dominated by the debond toughness, R;) remains
almost constant for all temperatures and the effect of
PVAL coating is negligible.

4.3.3.2. CFRP. Very good agreement in magnitude
and trend at all temperatures is obtained between



predictions and experiments for CFRP, particularly
those with PVAL coating, as shown in Fig. 23a and b.
The R,,, component contributes more than 90% to the
total toughness (R;) for both composites, confirming
that fibre pull-out is a dominant source of fracture
toughness for this composite. R, for PVAL-coated
composites increases significantly as temperature is
decreased, which is a direct result of the large increase
in I, at sub-zero temperatures (Fig. 14a). The mech-
anical properties of the fibre and the interfacial prop-
erties at different temperatures have not been deter-
mined, but from the observation that there are many
individual fibres at the top end of the pulled-out fibre
bundles, particularly at sub-zero temperatures, it can
be concluded that t, of the coated fibre must be
decreased significantly at these low temperatures.
However, the physical reasons for this are not known.

It is noted that the predicted R; is slightly lower
than R, at all temperatures for uncoated composites.
This seems partly due to the somewhat underestima-
ted contribution of the plastic shearing work of the
matrix (R,,). It is assumed in the analysis that fibre
bundles are circular in shape. However, in reality the
pulled-out fibre bundles are always of irregular shape
and there are many steps along the fibre direction in a
bundle. This implies that the surface area actually
involved in matrix shear deformation could have been
at least several times larger than that estimated on
circular-shaped fibre bundles. This could result in a
several times increase in R, and give better agreement
between Ry and R, for uncoated CFRP. The same
argument cannot be extended to the PVAL-coated
composites because the numerous debonded and
pulled-out individual fibres would reduce the surface
area for matrix shear plastic deformation.

5. Conclusion

The enhancement of transverse fracture toughness of
continuous KFRP and CFRP has been studied using
polymer coatings on the fibres. There is a substantial
improvement in the impact fracture toughness of both
KFRP and CFRP with PVAL coating, the improve-
ment being by about 100%, without any loss of
flexural strength. The low interfacial bond strength
obtained with the PVAL coating not only augments
the interfacial debonding and fibre pull-out mech-
anisms but also the coating eliminates fibrillation in
KFRP. This indicates that the PVAL coating forms
a compliant micro-ductile layer which acts as a stress
relief medium and crack arrester. The large increase in
toughness at low (— 350°C) and at elevated (80°C)
temperatures for PVAL-coated KFRP is mainly due
to the large contributions from fibre pull-out and
post-debonding friction, the former being a dominant
source of total fracture toughness. The improvement
in toughness for PVAL-coated CFRP is attributed
largely to the pull-out of long individual fibres, parti-
cularly at sub-zero (— 50 °C) temperatures, otherwise
the pulled-out fibres for uncoated CFRP are princip-
ally in bundles. KFRP with PVA- or CTBN-coated
fibres showed only a moderate improvement (about
20%) in toughness with 10 to 30% decrease in flexural

strength for the coating concentration used. The speci-
fic work of fracture in mixed mode I-11 delamination
for both KFRP and CFRP with PVAL coating was
slightly lower (about 15%) than for the uncoated
controls. This proves that the beneficial effect of fibre
coating with PVAL on transverse fracture toughness
is retained in delamination fracture, and that there is
little loss of damage tolerance of the composites.
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